INTRODUCTION
Polymer physics as an independent scientific direc tion dates back to the interpretation of the basic phe nomenon of entropic elasticity [1] [2] [3] . However, since then, the mechanism of deformation of chain macro molecular structures has remained a challenge for many academic studies [4] [5] [6] and for polymer materials sci ence [7] [8] [9] [10] . Nowadays, polymer science faces prob lems of the physics of deformation of glasses [11] [12] [13] [14] [15] . 1 This work was supported by the Russian Foundation for Basic Research, project no. 09 03 00230a.
Against the background of articulate concepts on the plasticity of low molecular mass crystals [11, 16] , the concept of inelastic deformation in disordered sol ids is far from perfect. Earlier ideas on the mechanism of plastic flow in glasses date back to the physics of flow of highly viscous low molecular mass liquids [17] . The analysis of the deformation of glasses at high temperatures not very far from glass transition tem perature T g primarily supports the concepts concern ing the liquidlike mechanism of this process. However, low temperature deformation of glasses at Т ≤ (0.5-0.7)T g is different. At low T def , the deformation in var ious glasses shows many features that are characteristic of crystals (formation of shear bands and a yield tooth in σ-ε diagrams, the Bauschinger effect, etc.) [4-6, 14, 16, 18, 19] . This circumstance suggests that the concept of low temperature plasticity in glasses should be supple mented with some crystal like features [19, 20] .
At present, the adopted standpoint is that, in mac romolecular glasses, plasticity likewise proceeds via the mechanism of viscous flow of liquids [11, 13, 15] ; however, this process is aggravated by the uncoiling of polymer coils [21, 22] . Coil unfolding (or uncoiling) under the action of external forces is the central pro cess for the model of forced elasticity, which is widely used in the physics of glassy polymers [11-15, 21, 22] . According to this model of deformation, kinetic limi tations are controlled by the ability of coils to undergo conformational transformations, which provide their unfolding. Macroplastic flow of a glassy sample (the stage of deformation after the yield region) is attained when conformational transitions proceed easily, as is the case in rubbers. In other words, this model assumes that, in macromolecular glasses, plastic deformation is similar to that in rubbers. Only the applied external stress is sufficiently high. A theoretical model of the plastic process has been constructed in [13] . However, this model has failed to explain many features of this process [4, 6, 10, 14, [18] [19] [20] , including the above mentioned crystal like features of deforma tion [18, 19] and the deformation of glasses composed of rigid macromolecules, which are appreciably extended before deformation. Evidently, chains with low and medium rigidity can be unfolded and disen tangled without any ruptures at high strains under all regimes of loading. However, in numerous publica tions devoted to the deformation of polymer glasses, neither experimental evidence nor theoretical specu lations have been reported in favor of the assumption that unfolding is the limiting stage in the overall kinet ics of deformation. This assumption has been adopted without any verification, and most scientists have sim ply accepted it at face value.
In the last 20 years, the results of experiments on the thermodynamics of plastic deformation, even for flexible chain glassy polymers [18, 19, [23] [24] [25] [26] [27] , showed that this process never commences with con formational coil unfolding. Immediately after transi tion to the post Hookean regime of deformation (in glassy polymers, the Hookean regime is usually com pleted at ε > 2-2.5% at T room ), the potential energy of the samples increases; once this process is finished (the energy approaches the stationary limit), a well pronounced yielding and macroscopic plastic flow commence.
Therefore, in a glass, plastic flow can arise only in a structurally excited state, when, in a material, the con centration of the above mentioned strain bearing defects with increased energy approaches a critical level. (This level is different for each polymer.) In a structurally intact state (defect free state) of a glass, plastic flow is prohibited. According to the model of plasticity with strain bearing defects [23] , such defects are the main carriers of inelastic strains (displacements) in a glassy material; later, the chain dimensions and conformational set are adjusted locally to the strain stored by the defect [18, 19, [23] [24] [25] [26] [27] . It appears that chain adjustment is accomplished through chain uncoiling. With no exceptions, all classical models of plastic deformation of glassy polymers fail to explain the experimentally observed energy accumulation; i.e., these models are inadequate and require further revision.
In the last 20 to 30 years, many studies have been devoted to the computer aided simulation of plasticity in glassy polymers (see, for example, [28] [29] [30] [31] [32] [33] [34] [35] [36] [37] ). In most publications, the method of molecular dynamics has been used to study the conformational rearrangements in polymer chains and variations in the rates of such rearrangements under the action of an external force, the orientation of chain segments, the volume changes in elementary deformation events [31, [33] [34] [35] [37] [38] [39] , and some other problems associ ated with chain behavior. However, in all the above cited publications, growth in the potential energy of a polymer glass during its deformation has been neglected, while structures responsible for this growth have not been identified. This outcome is odd because, in this approach, all authors ignored the main process, which seems to be the central stage responsible for the macroscopic plasticity in glassy macromolecular materials [18, 19] .
The objective of this study is to independently ver ify the mechanism of low temperature plastic defor mation in glassy polymers via the methods of com puter aided simulation when the key kinetic role belongs not to coil unfolding but to the nucleation and growth of strain bearing defects in glasses under the action of external stress and when these defects are not associated with any conformational rearrangements in polymer chains. The results of molecular dynamic simulation of plastic deformation (uniaxial compres sion and tension) for an isotropic glassy system com posed of 32 cells with 64 model polymethylene chains containing 100 -СН 2 groups (united atoms) in each cell are presented. In this study, the following main problems are revisited.
(i) How and for which processes is the work of external forces, W, spent during the deformation of a polymer glass? That is, which part of W is stored in the sample as internal energy ΔU and which part is dissipated as deformational heat Q? Which structural rearrangements are responsible for changes in the potential energy of polymer glasses during their deformation?
(ii) How does the relaxation of ΔU and the dimen sions (strain) of a polymer glass during its unloading proceed?
(iii) Which potential intramolecular and intermo lecular interactions are responsible for the accumula tion of ΔU in a glassy sample during its loading? (iv) How does the density of a polymer glass change during its deformation and subsequent unloading?
We can optimistically expect that the answers to the above stated questions will offer better insight into the mechanisms of deformational processes in glasses composed of organic macromolecules.
MOLECULAR MODEL AND SIMULATION PROCEDURE
Into a calculation cubic cell with periodic bound ary conditions, 64 polymethylene units containing 100 CH 2 groups (united atoms) each are placed. All 32 cells are constructed, and each cell includes 64 independent chains in the conformations of a random coil. All cells are deformed at 50 K in the regime of active uniaxial compressive and tensile deformation at a rate of 0.01 Å/ps (~10 -2 with respect to the speed of sound). The results are averaged over all 32 cells.
Valence bonds and valence angles are given by the following harmonic potentials:
where L is the length of a covalent bond, L 0 = 1.53 Å, K L = 1047.5 kJ kg -1 Å -2 , θ 0 = 113.0°, and K θ = 167.6 kJ kg -1 rad -2 .
For chain torsion angles, the following potential is selected:
where K 1 = 6.7 kJ kg -1 and K 2 = 1.634 kJ kg -1 . Nonva lence interactions are described by the Lennard Jones potentials:
where ε LJ = 0.503 kJ kg -1 and R min = 4.2654 Å.
For the numerical integration of the Newtonian equations of motion, the fast Verlet algorithm [40] with an integration step of 1 fs is used. Temperature in the system was maintained with a "collision" thermo stat [41, 42] with the parameters λ = 5.5 ps -1 and m 0 = 1 a.m. As a result, the increase in viscosity is low (below 1%). Pressure was set and maintained with a Berendsen barostat [43] . For the initial system, 32 cells are united into one cell; in this cell, molecular dynamic simulation at a temperature of 800 K and at constant volume is per formed for 20 ps. Then, the dimensions of the calcula tion cell are decreased with a rate of 0.05 Å ps -1 until the density of the system achieves ρ = 0.8 g/cm 3 . Then, the melt is cooled at a cooling rate of 0.1 K ps -1 to 250 K; later, at a constant temperature and a pres sure of 1 atm, an additional molecular dynamic simu lation run is performed until the system reaches equi librium.
The resultant melt of chains is cooled at a rate of 0.1 K ps -1 to 50 K at a constant pressure, and the melt is allowed to stay for 60 ps. Then, the system is sub jected to active isothermal deformation via a change in the corresponding dimensions of the calculation cell. Once ε = 30% (compression) or ≈70% (tension) is attained, a pressure of 1 atm is applied in all directions; then, this system is allowed to relax for 2 ns and, later, this system is heated to 250 K at a rate of 0.1 K ps -1 .
RESULTS OF SIMULATION

Structure of the Initial Computer Glass
The structure of one of the samples at 250 K is shown below.
This system does not show any high density fluctu ations or voids. The atom free volume is uniformly distributed in the calculation cell.
Density fluctuations are short scale and can be revealed only by the detailed structural analysis of this system; such analysis is planned for future. In all 32 samples, there are no traces of crystallinity, even though the fraction of trans conformers is high: ≈0.925 ( Fig. 1a ). Figure 1b shows the length distribution his togram for the trans sequences. Since the relative number of individual trans conformers is high (28% at 250 K and 18.5% at 50 K), they are not shown in the figure. As follows from Fig. 1b , the fraction of trans sequences L 1 containing more than 10 methylene groups is low and cannot provide the existence of a crystallite of reasonable dimensions.
In addition, the calculations show that, during cooling, the dynamics of conformational transitions slows down. For example, within 50 ps at 250 K, the 400 t ↔ g ± transition occurs; at temperatures of 100 K or lower, the number of such transitions approaches zero. In this case, the acceleration of transitions do not change the conformational composition of chains ( Fig. 1a ). Figure 2 illustrates changes in density ρ of the com puter sample during its cooling from 250 to 50 K. At 50 K, ρ = 0.996 g/cm 3 , a value that agrees with the experimental data [44] [45] [46] [47] [48] . Volume thermal expan sion coefficient β v shows a jump at ≈165 K; in this study, this temperature is assumed to be glass transi tion temperature T g of the system. Therefore, in our opinion, at 50 K, we have amor phous polymethylene in the glassy state at tempera tures well below T g . These samples were used in our further studies. Under the above conditions, deforma tion is a low temperature process:
This result is important because, in glassy polymers, the mechanisms behind high temperature and low temperature deformation are known to be different [18, 19] . Figure 3 presents the simulated stress-strain σ-ε diagrams for the polymer glass under active loading at 50 K for uniaxial compression (a) and tension (b). In addition, Fig. 3 shows deformation work W; the heat of inelastic deformation, Q; and potential energy ΔU stored by the glass during loading.
Mechanical Characteristics of Glasses and Thermodynamic Characteristics of the Deformation Process
The σ-ε diagrams and the dependences of W, Q, and ΔU on strain are similar to experimental ones [5, 6, 14, [21] [22] [23] [24] [25] [26] [27] 49] . Below ε ≈ 1.5-2.5%, the sample shows an elastic (Hookean) response; in this case, the tensile elastic modulus is Е t ≈ 2.3 GPa and the com pressive modulus is Е c ≈ 2.6 GPa. These values approach the known experimental values measured at T room [5, 14, 23, 24, 49] . The diagrams illustrating compression and tension clearly show the yield tooth passing its maximum at a tensile strain of ε у ≈ 12-13%. During compression, the yield stress achieves ≈195 MPa; during tensile drawing, ≈150 MPa. Exper imental data at T room : for PMMA, σ y = 105 MPa [4-6, 14, 49] ; for epoxyamine crosslinked glassy polymer, σ у ≈ 150 MPa [50] ; for polyamide, σ у = 200 MPa [51] . In other studies on the simulation of deformation of glassy polymers [30, [33] [34] [35] , similar values of σ у were obtained.
New result obtained in our simulation experiments is an increase in potential energy ΔU of the system that commences at the early stages of loading and the ten dency of this increase toward saturation. During ten sile drawing, ΔU approaches its limit at ε ≈ 40-50%. During compression, no saturation occurs; however, the rate of energy gain at ε > 25% markedly decreases. For glassy polymers, real deformation experiments show that ΔU approaches its limiting value at ε ≈ 30% during compression and tension [18, 19, [23] [24] [25] [26] [27] .
Experimental evidence on the energy gain for a polymer sample under deformation is interpreted under the assumptions that this increase is provided by the nucleation of new excited structural defects and that the sum of their local energies provides overall stored energy ΔU. Later, these states are referred to as excited strain bearing defects with increased energy. Their structure will be discussed below.
From the viewpoint of structural concepts of the physics of crystals, a "defect" has no physical meaning in a disordered solid. The structure of a glass includes only topological (geometric) defects. The rules of translational symmetry do not apply to any atom (or atomic group) in a glass.
In this study, the term "strain bearing defect" is related to the structure in some volume of a glassy bulk in which the coordinates of atoms are changed during loading with respect to the initial coordinates of the same atoms. A strain bearing defect is an inelastic local structural rearrangement in a glass. This rear rangement is not a linear elastic, Hookean transfor mation. At low T def , most structural defects are pre served in the deformed glass during its unloading, whereas elastic defects undergo a high rate of relax ation. Relaxation of strain bearing defects during loading will be discussed below.
Strain bearing unelastic defects induced in a sam ple at the early stages of loading are short scale. Hence, in the simulated glass, as was the case in the experiments, at the early stages of deformation when ΔU of the sample starts to grow, no microscopic struc tures, such as shear bands or crazes, are nucleated.
Important information concerning the limiting stage of the deformation process is provided by the ratio ΔU/W, which is measured in the course of the deformation run [18, 19, [23] [24] [25] [26] [27] . Ratio ΔU/W plotted against ε is often used for the interpretation of the mechanism of deformation during plastic deformation of solids [18, 19, 23, 24, 27, 46] . Ratio ΔU/W shows which fraction of work W during loading is trans formed into ΔU, i.e., which work is spent on the nucle ation of strain bearing defects. Figure 4 presents cal culated values of ΔU/W.
In the elastic region (at ε < 2.5%), ΔU/W approaches unity. This tendency is expected because, for linear (Hookean) elasticity, no dissipative pro cesses in solids occur and, during loading, all stored energy of elastic deformation Q el is transformed into heat.
During loading of a solid, linear elasticity is fol lowed by retarded elasticity. (In organic polymers, retarded elasticity (anelasticity) at T room usually exists at values of ε varying from 2.5% to yield strain ε у cor responding to the yield tooth at the maximum.) Then, the process passes to the regime of plasticity (after the yield point). The specificity of retarded elasticity can be formulated as follows: During unloading in the region of retarded elasticity, material transforms into the state with ε res = 0; i.e., formally, its behavior is elas tic. However, in the loading-unloading cycle, the σε diagram shows a hysteresis loop, which is indicative of strain energy dissipation, and relaxation of retarded elasticity proceeds at a slower rate than that of elastic relaxation [4, 6, 11, 16, 59] . This stress-strain behav ior of solids is classified as retarded elasticity or anelas tic behavior [6, 16, 45, 52] .
In the post Hookean region, ΔU/W should decrease because, owing to internal friction, dissipa tion of W in the course of deformation increases. The simulation results (Fig. 4) fairly agree with these spec ulations and with real experiments [18, 19, [23] [24] [25] [26] [27] .
At the early stages of inelastic deformation (at ε ≥ 5%) of the computer sample, a conversion of ≈85% of spent mechanical work W to ΔU directly indicates that, in this interval of strains, another difficult process proceeds. All work of external force is fully consumed by this process, i.e., by the generation of excited strain bearing defects, thereby providing an overall gain in the potential energy in a glassy material. Only ≈15% of work is dissipated as heat. This process is cen tral for the kinetics of the nucleation of plasticity in glassy polymers, and it controls the kinetics of post Hookean deformation of an organic polymer glass at least at the early stages of retarded elasticity.
Simulation experiments make it possible to sepa rate all stored potential energy ΔU into individual components corresponding to the different types of intra and intermolecular interactions. Figure 5 pre sents the results for compression and tensile drawing. In the case under study, the overall potential energy of the deformed glass includes four components: energy of intermolecular van der Waals interactions ΔU vw , energy of opening of valence angles ΔU 13 , energy of changes in dihedral angles ΔU 14 , and energy of stretch ing of chemical bonds ΔU 12 . As follows from Fig. 5 , the maximum contribution to the stored energy ΔU is pro vided by noncovalent van der Waals interactions ΔU vw . Their fraction achieves ≈71% during tensile drawing and ≈50% during compression. Energy of stretching of chemical bonds ΔU 12 makes practically no contribu tion to ΔU. The contributions from ΔU 13 and ΔU 14 are nearly equal (≈12.5%) during tensile drawing; during compression, the contributions are ≈25% for ΔU 13 and ≈18% for ΔU 14 .
During compression, polymer glasses show another fascinating feature: Changes in ΔU vw pass the minimum below ε ≤ 7%; only then does it increase. It seems that, during compression, in this interval of strains, compactization of coils (packing of chains in the sample) initially occurs and the energy of the sam ple decreases. In the course of loading during com pression, this compactization is enhanced because, in this case of compression, the hydrostatic component of the stress tensor is positive. The data on changes in the density of the samples under uniaxial compression (see Fig. 9a ) verify this assumption. However, note that overall energy ΔU of the system likewise increases in the interval where intermolecular interactions become weaker; i.e., overall energy ΔU is accumulated by the sample under compression even at low strains. The causes of this behavior of glassy polymethylene will be discussed below.
These results make it possible to draw the following conclusion: During loading, a gain in overall potential energy ΔU of a polymer glass is provided by the devel opment of specific defects of a primarily intermolecu lar nature that are due to ΔU vw interactions in the regime of retarded elasticity. Changes in ΔU vw are mainly associated with the local increase in interchain distances. Figure 6 presents the structure of initial and deformed samples (uniaxial compression by ε = 30% and tension by ε = 70%). In the deformed sample, no macroscopic structural changes are observed. In par ticular, no micropores or cracks are formed. The length distribution of trans sequences likewise remains practically unchanged (Fig. 7) . Indeed, a certain ori entation of chain fragments is observed, but its value is still low.
Structure of Deformed Samples
Of special interest are conformational changes in chains of the deformed sample. Figure 7 shows the dis tribution of internal rotation angles before (solid curve) and after (dashed curve) deformation. The ini tial distribution is slightly changed after deformation. During the deformation of a glassy polymer by ε ≈ 30-35% (compression), no changes in the conformational set of chains were observed in studies on the simulation of deformation of glassy PE [33, 34] and in experi ments [53, 54] . Figure 8 shows that, during compression by 30%, the fraction of trans conformers decreases (from 0.929 to 0.911) owing to an increase in the content of g ± con formers. Therefore, in this region of compressive strains, chains are not extended but reduce their dimensions and become folded and compacted.
However, during compression, the fraction of trans conformers is constant below ε ≈ 7.8%. Since overall potential energy ΔU of the sample under deformation gradually increases, at ε ≤ 7% (Fig. 2) , the observed invariability of the fraction of trans conformers in the system suggests the absence of any correlation between the potential energy of the sample and conformational rearrangements in chains at least at the above strains.
Another situation is observed during tensile draw ing. In this case, the fraction of trans conformers remains unchanged at strains below ε ≈ 35% and amounts to about 0.928-0.929. Then, this fraction linearly increases with increasing strain up to ε ≈ 60% and reaches 0.934.
The behavior of glassy polymethylene during ten sile drawing shows that chains and coils are unfolded, but this event occurs only after nucleation of strain bearing defects (Fig. 3b ). During tensile drawing, no compactization of chains and postpacking are observed; this result is expected. Such process is pre vented by the negative component of the stress tensor [52] .
Density Variations during Deformation of a Polymer Glass
Question concerning changes in the density of glassy polymers during their inelastic deformation is a subject of ongoing discussion in the literature [47, 55] . Over many years of studies, abundant experimental data on this problem have been accumulated [14, 47, 48, 55] . All experimental results can be briefly formu lated in the following way: In most cases, the density of a sample deformed by moderate strains does not change; in some cases, it slightly increases or slightly decreases. This observation is related to experiments on compression, tensile drawing, and shearing. Figure 9a presents the results of our simulation experiments on changes in the density of a glass during loading. During compression and tensile drawing, changes in density ρ are different. During tensile drawing, density decreases at the early stages of load ing; at ε = 30%, it achieves 0.960 g/cm 3 , and at ε ≈ 45%, it reaches 0.956 g/cm 3 . Hence, as a result of ten sile drawing, the density of a deformed sample decreases by ≈3.8% with respect to that of the initial glass.
During compression, the density of a sample ini tially increases by ≈0.5% below ε ≈ 7%; then, it decreases by ≈1.6% at ε = 30%. This initial increase is partially provided by the elastic response of the mate rial at the early stages of loading. (The calculated Pois son coefficient is ν = 0.42.) However, the elastic response of the sample can explain the above increase in ρ only partially, because this increase progresses well after the completion of the elastic response of the material; i.e., density increases even in the regime of retarded elasticity (2.5% < ε < 7%).
At strains ε < ε у ≈ 12%, the central process is the development of inelastic strain bearing defects, and this process is accompanied by the development of a new free volume in the material. As a result, densifica tion is more efficient at low strains, and an increase in volume due to the nucleation of defects dominates at ε > 7%.
The results on density variations are very important because, in our opinion, they reveal the correlation between the gain in the potential energy of the sample during loading of polymer glasses and the growth in free volume. In other words, in the case of low tem perature deformation of polymer glasses at ε > ε у , the coefficient of chain packing decreases. However, it is problematic to suggest that, in the sample, chains are uniformly spaced. It is most likely that volume locally increases and that this process includes short chain fragments. Now, we proceed to the analysis of density fluctuation in a sample induced by deformation and we expect to clarify the physical pattern for the accu mulation of excess volume in polymer glasses.
During tensile drawing, ΔU (Fig. 3b ) and density (Fig. 9b ) approach their limiting values at practically equal strains: ε ≈ 45%. In our opinion, this result veri fies the existing correlation between the volume varia tions in the deformed sample and the gain in ΔU. However, note that the recorded changes in density during tensile drawing and compression are low; this evidence may explain a slight increase in the energy of the glassy sample during loading. The maximum level of the accumulated energy in polymer glasses achieves only ≈10% with respect to the heat of fusion of a PE crystal. Figure 10 shows the temperature dependence (50-250 K) of the density for two polymethylenes with dif ferent mechanical prehistories. Curve 1 demonstrates changes in ρ(Т) for an initial undeformed sample. Of course, the density of this sample decreases with temperature. Curve 2 illustrates the heating of the sample after its compression at 50 K (by ε = 30%) and complete instantaneous unloading. After unloading, the sample preserves its residual strain, which is close to 30%. Curves 1 and 2 are appreciably different. This result is evident because the structure, density, and internal energy of the deformed sample are different from those of the initial sample. However, once T > T g is attained, the densities of both samples become equal. This evidence implies that, at T > T g , polymers approach the same structure, independently of their prehistory below T g .
DISCUSSION AND COMPARISON WITH EXPERIMENTAL RESULTS
In the literature, abundant data on the mechanics and deformation thermodynamics of glassy polymers are available [4-6, 12-14, 18-27, 45, 47, 48, 55] . Thus, it is possible to compare simulation and experi mental results in detail.
The character of changes in all thermodynamic parameters during deformation qualitatively agrees with the experimental results [23] [24] [25] [26] [27] . In addition, the quantitative thermodynamic characteristics of this process agree with the experimental data. For exam ple, in the simulation, work W spent on the deforma tion below ε = 30% amounts to 58 kJ/kg during com pression and 72 kJ/kg during tensile drawing (ε = 64%); during compression at T room , [23, 26, 51] , the experiments yield 30-65 kJ/kg for various glassy poly mers. The heat of deformation obtained in simulation experiments is ≈25 kJ/kg (compression by ε = 30%), a value that agrees well with the experimental results at room temperature (23-32 kJ/kg for various polymers [23, 26, 51] ). In simulation runs, stored energy ΔU is 32 kJ/kg during compression (ε = 30%) and 24 kJ/kg during tensile drawing by the same tensile strain. Compression experiments at T room give 20-30 kJ/kg for various polymers [23, 24, 26, 51] .
Unfortunately, it is difficult to compare calculated and experimental results for ΔU/W, because no exper imental data at low T def are available.
In our opinion, one of the key simulation results is an increase in ΔU once the post Hookean deforma tion regime in the glass is attained; in this case, most of work W is spent on an increase in the potential energy of the glass. Similar measurements performed under the same loading conditions at T room for crystals of metallic copper show [52, 56] that, in copper, no marked energy accumulation occurs. More than 95% of work W spent on the plastic deformation of copper is dissipated as heat even at the early stages of loading.
However, during the low temperature (T def = 77 K [46] ) plastic deformation of crystalline metals, another scenario comes into play. At ε < 1%, ΔU/W ≈ 0.8-0.9; i.e., at low T def , crystalline metals behave as polymer glasses.
At low ε, the deformation work of crystals is prima rily consumed for the development of dislocations as the carriers of plasticity. Dislocations are defects in crystals whose energy of formation is high. Therefore, when dislocations are formed, the energy of the crystal increases. It is reasonable to assume that, as in the case of metallic crystals, the high level of energy stored in glasses during deformation is provided by the develop ment of structural defects with increased energy. How ever, classical dislocations can arise and move only in crystal lattices and do not exist in glasses [6, 20] .
The thermodynamics of deformation for crystals and glasses can differ appreciably at high strains. For example, in metals at ε = 15%, ΔU/W ≈ 0.1 [46] ; in polymer glasses, this ratio is 0.5-0.8 [23, 24, 26] . This simulation gives ΔU/W ≈ 0.75 during compres sion at ε = 15% and ΔU/W ≈ 0.55 at ε = 30% (Fig. 4) . These values and experimental results [23] [24] [25] [26] [27] show that, in comparison to the plasticity of crystalline met als, the plastic deformation of polymer glasses at high strains proceeds via an appreciably different scenario.
During inelastic deformation of polymer glasses, a high level of stored energy indicates a central role of the nucleation of new defects (or initiation of macro scopic plastic deformation) for the deformation kinet ics at strains above yield strain ε у . This situation does not occur in metallic crystals, where initiation (nucle ation of dislocations) is often ceased once yield strain ε у is attained.
Note that, during deformation of glassy polymers, work W is low, while at the yield point, it is approxi mately 15-20 kJ/kg, i.e., less than 10% with respect to the heat of fusion of PE crystals (293 kJ/kg [57] ). The same ratio between deformation work W and heat of fusion ΔH m is observed experimentally [6, 15, 22, 45, 47, 48, 57] . Therefore, transition of a solid polymer to the state of plastic flow requires less energy than the transition of the same polymer into a melt during heat ing.
There is an alternative standpoint that mechani cally excited local strain bearing defects in glasses have an elastic nature. However, the results on the iso thermal relaxation of ΔU during unloading of the deformed sample disagree with this standpoint. Figure 11b shows the relaxation of potential energy ΔU stored by a glass at 50 K (compression by ε = 30%) after instantaneous and complete unloading of the sample. Within 2 ns, relaxation of stored energy ΔU is seen to be incomplete (by only ≈30%). The remaining 70% of the stored energy is preserved in the deformed glass for long period. The experiments show that resid ual energy can be removed only by heating to temper atures well above T def and T g [22] [23] [24] [25] [26] [27] . The relaxing part of ΔU is transformed into heat.
The fact that, after long term relaxation in the unloaded state, the deformed sample retains a marked fraction of the stored energy indicates that the stored energy is primarily accumulated not by elastic (Hookean) structures but by local metastable states of the glass that are induced by deformation. Elastic states should rapidly vanish upon unloading. However, complete relaxation of strain bearing defects and, hence, ΔU requires longer times and increased tem peratures. This fact implies that excited states arise owing to either plastic [58] or anelastic local rear rangements [6] occurring in the material under the action of an external force [59] .
Relaxation of residual strain bearing defects requires overcoming of the activation barrier, which is associated with the rearrangement of the atomic struc ture of the nearest neighborhood. Defects with such characteristics have been found [18, 19, 27, [60] [61] [62] [63] in simulation experiments on the shear deformation of atomic bicomponent organic glass. Localized shear transformations have been revealed and studied [58, [60] [61] [62] [63] in the simulation of deformation in a metallic glass.
The metastable character of strain bearing defects is also verified by the results shown in Fig. 11a , which shows isothermal (at 50 K) relaxation of strain ε. The sample deformed by ε = 30% quickly (≤0.5 ps) loses the elastic component of overall deformation; then, the inelastic component of residual deformation van ishes. Further relaxation and shape recovery of the sample substantially slow down. Within 2 ns, the relax ation rate of ε becomes almost zero. Only because of prolonged relaxation at 50 K does the sample losẽ 9.5% of its overall strain. All residual strain is pre served in the sample over long periods. It can be removed from the sample only via heating above T g . This behavior is typical of all glassy polymers that have been experimentally studied [22] [23] [24] 51] .
CONCLUSIONS
Molecular dynamic simulation of the inelastic deformation of a polymer glass composed of 64 poly methylene chains (model of united atoms) containing 100 -СН 2 groups in each chain shows that the key deformation process is an increase in the potential energy of the sample that commences immediately after the completion of the linear elastic regime. The main contribution to this energy is provided by van der Waals interactions (50-70% of all stored energy ΔU). The contribution from intrachain rotations is low: 12.5% (tensile drawing) or 25% (compression) with respect to overall energy ΔU of the system. A similar contribution is provided by the energy of opening of valence angles of chains. During compression, no coil unfolding is observed, but this process comes into play during tensile drawing at ε > 35%.
In other words, the stage corresponding to the development of strain bearing defects, rather than the stage of chain unfolding, is central for the low temper ature plastic deformation of glassy polymers. In glasses, strain bearing defects are anelastic mechani cal states (retarded elasticity [59] ); hence, they can persist over long period at unloading temperatures below T g . The formation of strain bearing defects is accompanied by the development of an excess volume in the sample. This process occurs during tensile draw ing and compression.
Our results pose new challenging questions: (i) What is the distribution of inelastic defects with respect to local energies and local volumes?
(ii) What is the mechanism of strain induced heat release Q, which is likely related to the termination of strain bearing defects [18, 19, 23] ?
We hope that analysis of the structure of defects and the kinetics of their nucleation and termination will help solve the posed problems.
